Innovative designs for turbines can be achieved by advances in nickel-based superalloys and manufacturing methods, including the adoption of additive manufacturing. In this regard, selective electron beam melting (SEBM) and selective laser melting (SLM) of nickel-based superalloys do provide distinct advantages. Furthermore, the direct energy deposition (DED) processes can be used for repair and reclamation of nickel alloy components. The current paper explores opportunities for innovation and qualification challenges with respect to deployment of AM as a disruptive manufacturing technology. In the first part of the paper, fundamental correlations of processing parameters to defect tendency and microstructure evolution will be explored using DED process. In the second part of the paper, opportunities for innovation in terms of site-specific control of microstructure during processing will be discussed. In the third part of the paper, challenges in qualification of AM parts for service will be discussed and potential methods to alleviate these issues through in situ process monitoring, and big data analytics are proposed.
I. INTRODUCTION
ADDITIVE manufacturing (AM) is considered to be a disruptive technology [1] by enabling engineers to make complex-shaped component with a simple process flow that transitions from computer-aided design file to final part, rapidly. [2] [3] [4] Based on this capability, innovative designs for turbine can be achieved by adopting AM for nickel-based superalloys. [5] AM may also provide advantage by influencing heat transfer and pressure loss within the turbine components by incorporating wavy microchannels. [6] Furthermore, AM also leads to unique surface properties due to spatial variations in melt pool shapes, e.g., in contour melting, and will influence gas flow through the channels. [7] It is well known that advanced geometries, e.g., shaped film cooling, will lead to improved performance. [8] In this regard, electron beam-powder bed fusion (E-PBF) [9] [10] [11] and laser beam-powder bed fusion (L-PBF) [12, 13] have shown the potential for processing of nickel-based superalloys. [14, 15] The direct energy deposition (DED) processes can be used for repair and reclamation of nickel alloy components. [16] However, we need to consider the whole gas turbine as an engineering system and advances in every component design has to evaluated and qualified within the context of the overall performance. The above question is being addressed from different aspects by various research groups across the world and are summarized in Table I . It is indeed clear the innovations related to process modifications, controls, powder processing and modifications, metallurgy, modeling, and property measurements are being pursued at a rapid pace. The current paper provides an overview of opportunities for innovations and qualification challenges with respect to deployment of AM for nickel-based superalloys, based on published literatures and ongoing research.
II. OVERVIEW OF PHYSICAL PROCESSES
In order to qualify high value-added nickel-based superalloy components made by AM, we need to understand various physical phenomena that occur during processing. [17] Critical review of the literature [18] clearly demonstrates that the metal additive manufacturing is nothing but multi-pass micro-welding with complex boundary conditions imposed by the geometry and beam scanning strategies. This similarity of the physical processes between welding and AM is articulated with typical observations (see Figure 1 ) from L-PBF processing of Inconel 718 nickel-based superalloy. [19] Laser powder bed fusion AM of nickel superalloys is conducted in a protective chamber with dynamic argon flow to avoid oxidation or gas dissolution. To melt specific locations, a laser beam is scanned on top of the powder bed with different focal sizes and power. The absorption of laser beam leads to melting of the powder in the ith layer and also some remelting of the (i-1)th solid layer. The dynamics of melting and the melt-pool shapes are dictated by the scan strategy in the x-y plane. As the building progresses in the z-direction with pre-determined geometrical cross sections, one may observe the evolution of porosity, cracks, solidification grain structure, solid-state transformations, and plastic deformations (see Figure 1) . In turn, all the above physical phenomena lead to spatial variations of microstructure and properties. In Figure 1 (a), spatial variations of porosity, as well as, rough surfaces close to the edge of the build are observed. These porosities often emanate due to incomplete remelting of (i-1)th layer. The observed melt pool shapes and their variations in x-y surface and x-z cross section (Figures 1(b) and (c)) are indeed similar to multi-pass welding, [20] with only caveat that the shapes of melt-pools and orientations are not maintained at each and every layer. Such variations are expected due to changes in energy absorption of powders [21] and the stability of molten liquids due to large transients in heat and mass transfer. [22] One of the striking features of the x-y surface morphology is the presence of waviness due to overlapping melt-pool tracks (Figure 1(d) ). These measurements show that the periodicity of the waviness can be in different length scales, ranging from sub-lm scales dictated by the surface ripples to largest scales sub-mm pertaining to the hatch distances. Based on welding metallurgy knowledge, we also postulate that these liquid-solid interface instabilities will manifest itself in the solidification microstructure. [23] This is indeed confirmed by AM researchers across the world and electron backscattered diffraction (EBSD) image from Inconel 718 (Figure 1(e) ) is shown as confirmatory evidence. [19] The solidification grain structure can also be manipulated by addition of inoculants during welding. [24] The translation of the same phenomenon to AM was recently confirmed by addition of nano-functionalized aluminum powder to the melt pool. [25] It is known from literature that the welding processes with severe thermal gradient lead to excessive amount of thermal stress, which in turn leads to permanent plastic deformations. The accumulated plastic strain and subsequent thermal cycling may lead to the formation of dislocation cell structure (see Figure 1(f) ). Similarity of the dislocation cell structure during welding [26] and AM [27] is also confirmed by observation of dislocation cell structure stainless steel builds made by AM. Similar to welding, the presence of permanent plastic deformation and its gradients may also lead to residual stress, which may be inferred from the hardness variations (see Figure 1 (g)) across the whole build. [28] Recent publications have confirmed that these plastic strain gradients lead to large residual stress build up across the builds. [29] The above discussions demonstrate that the vast knowledge in the welding literature related to process-structure-property (PSP) linkages can be leveraged for the AM of nickel-based superalloys. In the following sections, pathways to accelerate the adoption of AM of nickel-based superalloys is presented with examples from published literature.
III. COMMONALITY OF WELDABILITY AND ADDITIVE MANUFACTURABILITY
In this section, let us evaluate the similarity between weldability and additive manufacturability using an example scenario. Often nickel-based superalloys are classified based on their ability to be welded. In 2001, Dye, Hunziker and Reed [30] published a paper, in which they used phenomenological models to develop weldability maps for thin sheets of Alloy 718 (2-mm thick) based on equations describing different defect formations. This graph is reproduced in Figure 2 with typical beam velocities used for power bed melting process.
It is indeed clear that during thin sheet welding of nickel alloys, it is impossible to produce sound welds above 5 mm/s. In contrast, published literature from nickel alloys show that it is indeed possible to produce sound L-PBF builds even with laser scan velocities greater than 100 mm/s. [31] These data may appear to be discrepancy at first glance but can be rationalized based on the heat transfer conditions that prevail during L-PBF. During AM processes, the laser beam scans the cross section to be melted by moving back and forth with a predetermined scan length. At the end of reaching a scan length, the laser returns to the original location and offsets itself by hatch distance. Thermal diffusion distance perpendicular to the laser scan direction can be calculated by using simple equation given here [32] :
In this equation, a is thermal diffusivity and Dt is the time interval for a given laser scan to return to the same location in a powder bed. If this distance is comparable to the hatch distance or laser beam focal diameter, one can conclude that the laser power distribution is no longer similar to ellipse, rather a line heat source moving at slower velocities comparable to that of the welding of thin sheets. [33] The systematic increase in laser scan velocity in AM for a given hatch distance, the power distribution will go through transitions from point to line to area to volume heat source as a function of geometry being processed. [34] Interestingly, these transitions based on the modifications of scan paths are routinely used during cladding, surfacing or welding operations [35] [36] [37] [38] relevant to nickel-based superalloys.
The above discussions indicate that additive manufacturability should be evaluated based on the size, shape, and velocity of molten pool as a function temporal and spatial coordinates with reference to the geometry being manufactured and not the velocity of energy source alone.
IV. CHALLENGES: MICROSTRUCTURAL AND MECHANICAL HETEROGENEITY
Among all the metal additive manufacturing processes, the most used process is the direct energy deposition (DED), originally developed by researchers from Sandia National Laboratory [39, 40] and referred as laser engineered near-net shaping (LENS). This process, based on directed laser energy and powder delivery, is the most viable process for repair of small-and large-scale nickel-based superalloy components through layer-by-layer deposition. During routine DED processing for repair of alloy 718 components, two kinds of heterogeneities are observed, [16] i.e., (1) crystallographic texture and (2) hardness variations, as a function of build height (see Figure 3) .
A. Crystallographic Heterogeneity EBSD imaging from two distinct locations within a build is summarized in Figure 3 . In Figure 3 (a), three distinct regions of crystal orientations can be observed, as outlined by rectangular boxes A, B, and C. In the region A, the extent of misoriented grains is at 36 to 39 deg to the build direction. In region B, although the misorientations are at 85 to 88 deg, the aspect ratio of these grains is very high. This region coincides with the location of contour beads. Interestingly, in region C, the fraction of misoriented grains increases, while still maintaining the growth direction at about 48 to 53 deg. This region corresponds to hatch-melt part of the builds. Similar analyses were performed in a region that is far from the substrate region (see Figure 3 (b)). Interestingly, the area fraction of the misoriented crystal growth (i.e., in region C) has increased in comparison to regions A and B. Detailed analyses show that the crystal orientation range increased from 56 to 60 deg. This trend of increase in the misorientation angle is also seen in the regions A and B. This change in crystal growth behavior at different heights of the build is attributed to change in the weld pool shape and also reduction in the thermal gradients. The above conclusion was arrived by estimating the melt pool boundary orientation to the build direction in the hatch melt areas. The melt pool boundary based on the etching contrast, close to the substrate, was inclined at À 42 to À 45 deg with reference to build direction. If we assume that crystal growth occurs along the maximum thermal gradient direction that is perpendicular to this boundary, we would expect crystal growth to occur along + 48 to + 45 deg. Similar analyses were performed for the top region. The boundary orientation was found to be À 38 to À 40 deg. The expected crystal orientation is + 52 to + 50 deg. Although, our predicted growth direction does not match the observed growth, the trends of increasing misorientation were confirmed. These results point to the importance of melt pool shape as a function of location and time.
B. Microstructural Heterogeneity
The salient features of mechanical heterogeneity in the Inconel 718 build and the rationalization of the same are summarized in Figure 4 . The hardness map ( Figure 4 (a)) shows a large variation spanning from 200 to 450 VHN. The hardest region (location 2) observed closest to the substrate region and the softest region (location 6) at the top of build. It is well known that the strengthening of alloy 718 occurs due to precipitation of both c¢¢ and c¢ precipitates, which in turn depends on the overall thermal signatures below the solvus temperature. Typical thermal signatures were calculated using a commercial finite element code [41] for locations 2, 4 and 6 (see Figure 4 (b)). The data show that, in all the targeted locations, thermal signatures oscillate above and below the solvus temperature of both c¢¢ and c¢ precipitates. The number of thermal gyrations in the precipitation temperature range is more for the location 2 than that of location 6. These thermal signatures were coupled with simultaneous transformation kinetics (STK) model [42] and the extents of both c¢¢ and c¢ precipitation were calculated. Even with repeated growth and dissolution, the calculations showed that the extents of precipitation in location 2 are higher than that of locations 4 and 6. Detailed microstructure analyses confirmed that the region 6 has less amount of precipitates (see Figure 4 (c)) even close to the interdendritic regions. The bright region in this image corresponds to laves phase that forms during the last stages of solidification. In contrast, the region 2 contains copious amount of precipitates in both inter-and intra-dendritic regions (see Figure 4(d) ). High-resolution transmission electron microscopy conformed that these are predominantly c¢¢ precipitates. It is noteworthy, that the above mechanical heterogeneity may not be generic and will be a strong function of geometry of the part, which in turn changes thermal cycles. The above discussions confirmed that components produced by AM are processes that are prone to crystallographic and microstructural heterogeneities. This leads to the following question: is there a possibility of using this limitation to our advantage to induce site-specific microstructure?
V. OPPORTUNITIES: SITE-SPECIFIC CONTROL OF MICROSTRUCTURE

A. Role of Alloy Chemistry
Due to the inherent nature of scanning strategies associated with energy delivery in both E-PBF and L-PBF processes, it is quite conceivable to induce spatial and temporal variations of melt pool shape, G, R, as well as, thermal gyrations. In early 2014, Dehoff et al., [43] used raster and spot melting in specific locations to arrive at site-specific columnar and misoriented solidification grains. The selection of either columnar or equiaxed grain structure is related to the liquid-solid (l/s) interface instability. [44, 45] It is indeed possible to predict columnar to equiaxed solidification transition (CET), as a function of thermal gradient (G l=s ) and l/s interface velocities (V l=s ) based on dendrite tip temperature (T d ), with interface response function theories. The calculations are performed by solving the coupled equations [46] that describe the (k 
With the calculated dendrite tip undercooling, we can calculate the effective undercooling (DT) and the fraction stray formation (/) using Eq. [7] derived by Gaumann et al. [36] G
In Eqs.
[1] through [7] , k i o is the equilibrium partitioning coefficient between the liquid and solid; D i is the interphase diffusivity; m i o is the equilibrium liquidus slope; a o is the characteristic diffusion distance; C is the Gibbs-Thompson coefficient; Pe i is the Peclet number given by V l=s = 2D i ð Þ; l is the interface kinetic coefficient, and Ivfg is the Ivantsov function that depends on the Peclet number. Furthermore, N o is the pre-existing ) low-number of pre-existing nuclei. The data points in the plot correspond to calculated values of G and R for typical E-PBF process.
nucleation number density ahead of the liquid-solid interface and DT n is the undercooling for nucleation. Using thermodynamic information for a multicomponent system, [47] Eqs. [1] through [7] can be iteratively solved to predict the dendrite tip temperature and thereby constitutional supercooling, as well as CET in a wide range of alloy systems. This model has been successfully applied to a wide range of multicomponent alloys. [48] The above equations were solved for alloy 718 and the calculated solidification maps are shown in Figure 5 . Since we do not know the N o values a-priori, two sets of calculations were performed to consider different pre-existing nuclei density. In addition, the calculated ranges of G and R for typical electron beam powder bed fusion (E-PBF) are also overlaid on the same plot. Raghavan et al. [49, 50] have shown methodologies to extract the G and R across the whole weld pool surface to arrive at volume fraction of the equiaxed grains throughout the melt-pool. The plots clearly demonstrate that for the high number of pre-existing nuclei ( Figure 5(a) ), the E-PBF processing conditions will lead to equiaxed grain structure, while the reduction of these nuclei will lead to mixture of columnar and equiaxed grain growth.
Currently, it is difficult to estimate the N o values a priori. However, one can modify this by adding inoculants to the melt pool. As mentioned earlier, the role of pre-inoculants on the equiaxed grain formation is well known in the welding metallurgy starting with classic work by Villafuerte et al. [24] The extension of this concept to laser powder bed fusion process of aluminum was confirmed by Martin et al. [25] A careful analysis of Figure 5 also shows that variations in G and R brought about by the transient processing conditions have stronger effect in comparison to the alloy modifications. [51] This leads to a fundamental question, will these G and R values generic to the E-PBF process be sensitive to beam scanning strategy and/or geometry of the part?
B. Role of Geometry
Lee et al. [52] have explored the role of geometry for a given raster beam scanning during E-PBF process. In this work, they calculated the transient G and R values during the final stages of solidification using finite element methods. The plot shows that a simple change in cube geometry from 16 
In order to answer this question, high-speed video of electron beam scanning was recorded while melting a complex geometry shown in Figure 6 . The original movie can be accessed from the following internet link.
[53] The image at two different time frames (Figures 6(a) and (b)) clearly demonstrates spatial variations of brightness during the build process. If we assume that these intensities are proportional to the temperature, the data confirm spatial and temporal variations of temperature gradients. The next task is to understand whether these variations have random modality or not. The optical intensity at different locations is extracted and plotted in Figure 6 (c). The plots show that the signatures can be grouped into two broad categories depending on the probed location. The top-row of the images (group 1) show many re-melting and solidification events with saturated image intensity. In contrast, the group 2 show only one or two re-melting and solidification events. The differences between these groups are related to fundamental parameters of beam scanning attributes: (1) approach pattern to the location; (2) time spent at that location and (3) departure pattern away from the location and repeat of these steps, if any. This analysis provided a pathway to control thermal distributions in complex geometry, i.e., development of spot melting pattern enforcing similar thermal signatures at a given location.
C. Role of Beam Scanning Strategy
The data provided in Figures 5 and 6 stipulate two requirements to arrive at microstructure control: (a) Thermal signatures should lead to many orders of magnitude variations in G and R, as well as, (b) the signatures have to be reproducible for site-specific microstructure in a complex geometry. In this regard, published literature corresponding to spot welding [54] provides a pathway. During spot welding on a large substrate, four distinct stages are observed. In the 1st stage, under the energy input conditions, the melt pool forms on a substrate and grows slowly dictated by the balance between the heat flux from the source and the heat transfer away from the melt pool. In the 2nd stage, the growth of melt pool arrives at equilibrium, and no size change is observed with time. At this point, the temperature gradient (G) would have reached the maximum and the velocity of liquid-solid interface velocity (R) is zero. In the third state, when the energy source switches off, the l/s interface starts moving at slow velocity and starts accelerating. In the third stage, due to shrinking melt pool shape and infinite heat sink, thermal gradients (G) drop drastically and the l/s interface velocity increases exponentially. Based on this knowledge, it is clear that if we can control the spatial and temporal locations of the spot melting patterns prudently, it is possible to meet the requirements laid out for microstructure control.
Practical implementation of the spot melting and solidification conditions for CET in a cube geometry was explored by Plotkowski et al. [34] with E-PBF of alloy 718. In this work, instead of switching between raster and spot melting pattern, the researchers used a simple innovative approach of controlling only the spot-on time. The processing conditions were designed by using a simple heat transfer analytical model capable of predicting the spatial and temporal thermal signatures, as well as, transient melt pool shapes. The calculated melt pool shape, G and R for two cubes (identified as 15 and 16) are shown in Figure 7 for the following beam scanning conditions, while keeping the preheat temperature, (1273 K), accelerating voltage (60 kV), current (19 mA), and point-to-point distance of spots at 500 lm.
Cube 15 was processed with shorter (0.1 ms) spot-on time, while the cube 16 was processed with longer (0.25 ms) spot-on time. The calculations predicted that the melt pool shape for cube 15 (Figure 7(a) ) will not grow beyond 500 lm, which is selected as point-to-point distance, while melt pool size in cube 16 can be in the same scale of the cube cross-sectional area (Figure 7(b) ). Interestingly, the plots show that the majority of G and R values relevant to the cube 16 lie below the CET line suggesting equiaxed grain formation, while most of the G and R values for cube 15 lie above the transition line suggestion columnar grain formation. The measured texture plots obtained by EBSD imaging of cubes that were processed under these conditions are also presented as inset pictures within Figure 7 (c). The (001) texture plot confirms the tendency for the equiaxed grain formation in cube 16 compared to cube 15. However, there is a weak texture corresponding to (001) columnar structure development is seen even in Cube 16. With the above successful demonstration, the obvious next step is to extend the methodology to complex geometries.
D. Extensions to Complex Geometry
In this section, ability to control site-specific microstructure in a complex bracket geometry by E-PBF process was explored with alloy 718. [55] Although, it is possible to induce spot melting conditions throughout complex geometries, optimization of spot melting conditions for complex geometry proved to be difficult. This is because of the sheer number of parameters needed for the heat transfer simulations. Therefore, a square region was selected for spot melting conditions and rest of the geometry was processed by standard raster conditions (Figure 8 ). To ensure that the ArcamÒ equipment reproduces the intended variations in G and R, an in situ IR imaging was also used while processing the complex geometry. In each and every layer, the build was made by alternating between raster and spot melting in specific locations. The spatial measurements of G and R for a given layer are shown in Figures 8(a) and (b) . The measurements did show that there is a systematic decrease in thermal gradient in the spot melt pattern area outlined by a square. Interestingly, the variations in G and R are not straight forward across the whole layer; increased R values were observed both in raster regions and spot melted regions. The ring region always showed higher G and lower R values. The square region showed more often low G and higher R value. To understand the effect of these measured G and R on solidification texture, the values are overlaid on the solidification maps (Figure 8(c) ). Casual observation of the plots may not show a large difference between raster and spot melted regions. However, histogram analyses showed that large volume fraction of G and R values lies in the equiaxed part of the map for the spot melt regions. To validate the above analyses, the solidification grain structure of these brackets was analyzed using EBSD imaging along the build direction ( Figure 9 ). Although IR images showed certain amount of uncertainty, the square regions melted with spot patterns consistently lead to equiaxed solidification texture and a grain size in the order of~100 lm. As expected, the ring region confirmed the presence of long, coarse (~300 lm) columnar grains extending along the build direction. The above data essentially confirm the merit of simulation aided process parameter and beam scanning strategy as a function of location to arrive at site-specific microstructure in a complex geometry made with nickel-based superalloy. This ability provides unique technical case for additive manufacturing of nickelbased superalloys.
E. Control of Solid-State Transformation
Although the earlier sections focused on solidification microstructure control, the need for controlling solidstate transformation was also understood. Babu et al. [56] have shown that by controlling the cooling rate from a temperature above solvus temperature, the size, shape, and composition of the precipitates can be controlled in CM247 alloys. However, due to the E-PBM device limitations, on demand control of the cooling rate cannot be achieved. Instead, Sames et al. [18] devised innovative surface melting strategies after completion of the build to introduce in situ heat treatment within the build chamber itself. Comparison of thermal signatures, measured at the substrate plate, for typical E-PBF processing and in situ heat treatment shows the feasibility of solid-state transformation control (See Figure 10(a) ). The above heat treatment cycles were designed based on calculated time-temperature-transformation (TTT) diagram for alloy 718 calculated using JMatProÒ software. Although the above work showed the ability to maintain the same crystallographic texture (see Figures 10(b) and (c) ) control the size of c¢¢ precipitate size distribution, this processing strategy leads to two challenges. First, due to high residence time at and above the solvus temperature, the powder particles sintered extensively. Second, due to inherent nature of precipitation and thermal stresses developed in the geometry, it led to cracking along the columnar grain boundaries.
F. Extension to High-Gamma Prime CM247 Superalloys
Since the normal welding or E-PBF processing of high gamma prime alloys relies on high preheat temperature just below or above the solvus temperature, the regions close to the substrate may experience prolonged aging at high temperature after the initial solidification. In contrast, the regions near the top of the region may only be exposed to shorter aging before the final cool down. This may lead to gradients in microstructure related to solid-state decomposition of FCC-c matrix into mixture of c, c¢ phases. This phenomenon was confirmed by the characterization of a builds processed with CM247 alloy and E-PBF, as a function of depth (see Figure 11) . Onset of precipitation and gradients across the Z-direction during processing may influence cracking tendencies of these alloys.
G. Asymmetric Cracking Tendencies in Mar-M-247 Alloys
In this experiment, [57] cylindrical parts of 7.5 mm diameter were produced with Mar-M-247 alloy powders using standard raster pattern with E-PBF process. The samples were positioned at an angle to the build direction (45 to 50 deg). The preheat temperature was maintained at 1298 K. This temperature is indeed lower than the solvus temperature for the gamma prime which is calculated to be 1466 K. As a result, with the progress in the building process, there will be a wave of repeated nucleation, growth, and dissolution of gamma prime in locations just below the top melt regions. This is due to repeated heating to peak temperatures above the solvus temperature and cooling back to 1298 K. However, as the build progresses, the regions that are far below will be subjected to prolonged aging at 1298 K and will exhibit precipitate coarsening. Based on the welding cracking literature, the onset of precipitation in the heat-affected-zones will stifle the relaxation of thermal stresses. With the presence of tensile thermal stresses, there may be increased tendency for the weld cracking.
Careful analyses of the Mar-M-247 builds (see Figures 12(a) through (c) ) showed tendencies for asymmetric cracking. The cracks were associated with solidification grain boundaries with large misorientations and inter-dendritic microstructures and therefore classified as weld solidification cracking. Although thermal conditions relevant to solidification conditions are similar throughout the layer, the consistency of crack resistance on one side of the geometry requires further attention. Detailed thermo-mechanical analyses of E-PBF processing during ith layer were performed using finite element analyses for the raster scanning across disc shaped cross section at the intersection of the build plane and the cylindrical geometry. The results are summarized for the specific locations that show cracking and resistance to cracking ( Figure 12) . Interestingly, the simulations show that the tensile stresses develop on the left side of the sample and overlaps with the susceptible conditions for cracking. In contrast, although the right side of builds spend longer time in the susceptible region, the stresses in these regions are compressive, as a result, it will not lead to any cracking. Such a close linkage between dynamic thermal stress evolution (tensile or compressive) and cracking tendency in nickel alloy welding was published by Feng et al., [58] Park et al., [38] and Yang et al. [59] Therefore, future research should focus on managing thermal stress alignment across the build directions for a given geometry while performing the microstructure control.
H. Role of Post-Process Heat Treatments and Mechanical Properties
The above example suggests that there is a need for post-process hot-isostatic-pressure (HIP) treatments to heal the cracks and homogenize the microstructure. The validity of the above assumption was explored by subjecting the CM247 samples to the following HIP cycle: heating to 1503 K for 4 hours and quenched rapidly in QuintusÒ QIH9 furnace. Then, the samples were subjected to heat treatment at 1353 K for 2 hours and then secondary age at 1143 K for 24 hours. The microstructure after the above heat treatments is shown in Figure 13 . The microstructure shows that the columnar nature of the matrix is maintained, while the precipitate microstructure was reset to uniform across the whole sample. This result confirmed that it is indeed possible to use post-process heat treatment to fine tune the solid-state microstructure, while maintaining solidification microstructure achieved by the process and beam scanning strategies.
In the next step, the role of this initial microstructure on high-temperature tensile strength was evaluated following standard ASTM standards for tensile testing. The stressstrain diagrams (Figure 14) show interesting features and are discussed below. The as-processed samples (Figure 14(a) ) show higher yield strength and hardness compared to samples tested after HIP and heat treatment. The mechanical properties from HIPed samples tested at 850°C to 950°C were found to be consistently softer than room temperature properties. The total elongation appears to be inconsistent and is associated with changes in grain boundary carbides (see Figure 13) . The stressstrain data measured at 650°C, 750°C, and 800°C show that yield strength at these temperatures is higher than that of room temperature data. Furthermore, the samples tested at 650°C and 750°C show serrated flow. This phenomenon is similar to Portevin-Le Chatelier (PLC) effect observed in other nickel-based superalloys at low temperature (< 600°C). [60] [61] [62] The above mode of deformation was also associated with a flat fracture surface. In contrast, the samples deformed at lower and higher than this temperature range, failed to show any PLC effect. Currently, the mechanism for the PLC effects in our samples at high temperatures are unknown. Evaluation of the above samples under creep and creep-fatigue conditions are part of the ongoing research.
VI. FUTURE DIRECTION: QUALIFICATION OF AM COMPONENTS
The discussions in the previous sections provide early confidence that the nickel-based superalloys with targeted solidification microstructure and properties can be achieved even in complex geometries with good high-temperature mechanical properties. However, there is one outstanding issue that is related to diagnosing the cracking tendency and defect formation which may be highly stochastic. The uncertainty is related to inherent variations in magnitude and directionality of thermo-mechanical strains and temperature gradients during E-PBF powder melting. This statement leads to the next fundamental question: is there any way to qualify these AM components without extensive post-process and destructive characterization?
Metallic components used in the gas turbines, operating at high stress, temperature, and harsh environment, go through extensive qualification based on available non-destructive-evaluation (NDE) and/or non-destructive-inspection tools. These NDE procedures should meet the strict requirements laid down by industrial standards. Even for traditional machining (e.g., during hole making, turning and broaching), NDE tools (e.g., eddy current inspection) do not always detect geometric and non-geometric anomalies. [63] These NDE tools also have limitations due to the lack of automated interpretation. This leads to an important question: are there any specific challenges of using NDE tools for AM? In a classic review by Todorov et al., [64] various NDE techniques [Visual testing, Leak Testing, Liquid Penetrant testing, Process compensated resonant testing, electrical impedance spectroscopy, alternate current potential drop, eddy current testing, array eddy current testing, phase array ultrasonic testing, radiography testing, X-ray computed tomography, micro-focus X-ray computed tomography, Magnetic particle testing, microwave non-destructive testing, and terahertz imaging] were considered for the deployment to AM. Although the buried in defects can be accessed by volumetric evaluation tools such as computer-aided X-ray tomography, 100 pct detection of defects using this approach is not practical for gas turbine AM components. For example, neutron imaging tomography was used by Watkins et al. [65] for NDI evaluation of residual stress and geometrical conformity of gas turbine blades. Nevertheless, these methodologies cannot be scaled to production environments.
Since the AM process relies on layer-by-layer melting, one can implement qualification of tools by comprehensive sensing and monitoring of thermal and surface displacements to arrive at three-dimensional representation of the geometry, as well as, spatial distribution of defects (e.g., porosities and cracks) and microstructures. Preliminary evaluation of the hypothesis for solidification microstructure evaluation was presented already. [55] In newer version of the E-PBF process equipment (e.g., Arcam Q10+), it is possible to take near infrared image (NIR) images before and after each layer. The NIR image data may provide information of possible location of porosity, cracks, and also surface heights. These features often show up as bright regions in the NIR images. Recently, this methodology coupled with deep neural nets (DNN) was used to correlate the tensile failure of topology optimized part to regions with concentrated porosity. [66] 3776-VOLUME 49A, SEPTEMBER 2018 Preliminary research on extending NIR methodology to diagnose the cracking tendency during processing Inconel 738 alloys, within a complex airfoil geometry, is presented here. [67] The blade geometry to be additively manufactured is shown in Figures 15 and 16 . This complex geometry was tilted at a pre-determined angle Fig. 15 -Overview of sequential NIR images from consecutive nine layers near the platform region show the changing of the scan boundaries and consistent cracking pattern across many layers. Note the image scaling is affected by the surface features, orientation of the surface to the NIR camera and also the local remnant temperature. Fig. 16 -Overview of sequential NIR images from consecutive six layers near the airfoil region shows remnant of one single crack across six layers. The IR intensity from the thick sections appears to blend with surrounding powder, except the boundaries which are expected to have small differences in heights due to contour melting.
to the build direction to explore possible interactions of geometry and cracking tendency, similar to the experiment described earlier. The NIR images from the platform region during nine layers are presented in Figure 15 . The images show both scan boundaries (white block arrow) and potential regions (dark block arrow) for cracking. Since the images are from XY section of the build plane, the cracks appear to outline the boundaries of columnar grains. Interestingly, some of the cracked locations appear to change directions when they interact with the scan boundaries and some of them continue on without any effect from scan boundaries. Although the image exposure time was maintained constant, one can clearly see that there is a large gradient of background illumination with each and every layer. Currently, this gradient is hypothesized to be the result of macro-scale surface distortions, similar to the one predicted by Prabhakar et al. [68] The copious amount of cracking in the platform region ( Figure 15 ) is attributed to higher mechanical restraints during melting.
This leads to the obvious question, will the tendency to crack reduce if we reduce the cross-sectional area in a given layer? The sequential NIR image data from airfoil region are summarized in Figure 16 . As expected, the gradients in images were lower than that of the platform region. Only one crack was observed to be remnant in all six layers. Interestingly, these images are not able to capture all the scan boundaries, because these boundaries do not intersect with the sectional geometry of the airfoils for each and every layer.
Some of the deficiencies of this method also can be understood from the fact that intensity values bleed from the part to the surrounding powder also. This is related to the inherent variation of IR emissivity between powders and solid. The above NIR image analyses have to be automated similar to porosity detection using deep neural networks (DNN) and machine learning (ML) algorithms. [69] With the completion of this crucial step, NIR images can be used as diagnostic tool for evaluating the complex nickel-based superalloy parts to be made by AM an industrial setting.
VII. SUMMARY
An overview of published and ongoing research demonstrates that the fusion-based metal additive manufacturing induces spatial and temporal variations of melt pool, thermal gradient, liquid-solid interface velocity, and thermal gyrations. These variations always lead to spatial microstructural and mechanical heterogeneities within a given geometry and processing conditions for wide range of nickel-based superalloys. However, with innovative beam scanning strategies, site-specific microstructure control can be achieved during AM. This hypothesis was conclusively proven using well-designed E-PBF melting experiments with alloy 718 powders, by coupling heat transfer models, solidification maps and in situ IR imaging. Approaches to control the solid-state transformation in the same alloy using in situ heat treatment were also explored and lead to successful control of the precipitate morphology while maintaining the original (001) crystallographic texture. Nevertheless, similar to welding, extension of AM to high gamma prime alloys (e.g., CM247, Mar-M-247 and IN 738 alloys) leads to cracking in geometries under severe thermal restraints. Post-process methods to heal the cracks and homogenize the microstructure using HIP and heat treatment in CM247 alloys show promising results. Qualification of the complex nickel-based superalloy geometry through near infrared imaging (NIR) is suggested as a way to understand the spatial variations of cracking as a function of beam scanning strategy and cross-sectional geometry.
